Experimental and theoretical studies were conducted in order to understand and predict the effects of time, temperature, and stress on the axial failure modes of boron fibers and B/A1 composites. 
INTRODUCTION
HE ABILITY TO predict the failure modes of structural materials under variTous environmental conditions has both a practical and fundamental significance. On the practical side, the predictive theory and associated equations will allow the design engineer to estimate structural failure for conditions not covered in available test data. On the fundamental side, verification of the predictive theory by comparison with experimental data will confirm the mechanistic models employed to derive the theory. Such confirmation not only may allow future theoretical modifications which yield a more accurate predictive ability but also may lead to the development of practical techniques for improving structural performance.
The objective of this paper is to demonstrate that predictive equations can be developed that adequately describe the effects of time, temperature, and stress on the axial failure modes of B/A1 composites. For many metal matrix composite systems the reinforcing fibers deform elastically so that timetemperature effects arise mainly from the mechanical properties of the matrix. However, for B/A1 composites, both the matrix and fiber make major contributions to the time and temperature dependence of composite failure. This is due to the fact that in contrast to other ceramic fibers such as silicon carbide and alumina, boron fibers display a low temperature creep which has a significant effect on fiber fracture. For this reason the approach taken in this paper will be to first investigate boron fiber creep and fracture data in order to establish a model and equations that accurately describe the axial failure modes of as-produced fibers. Once this is accomplished, composite data will be examined to determine how these equations might be modified to describe fiber creep and fracture within B/6061 Al composites. As part of this examination, a general metal matrix composite fracture theory will be developed based on the primary fiber and matrix mechanisms which contribute to time and temperature-dependent axial composite failure.
PROCEDURE

Background
The low temperature deformation of a boron fiber has been observed to be characteristically anelastic [1, 2, 3] . That is, in a creep test upon application of a constant tensile stress a at time t = 0, the total strain E in the fiber increases with time t and temperature T As predicted by anelasticity property I, the A functions measured by the low-stress flexural tests were found to be independent of the applied stress.
However, when the FSR tests were conducted at stress levels above 50 ksi, (0.3 GN/m2) an unexpected stress dependence for the A function was observed. To study this effect in greater detail, two types of high stress tensile experiments were performed: room temperature elongation experiments [4] at stress levels of about 400 ksi (2.8 GN/m2), and stress rupture experiments on etched boron fibers (1) at temperatures from 200 to 1000 °C and at stress levels between 200 and 800 ksi (1.4 and 5.6 GN/m2). Since the latter experiments have a direct bearing on a predictive fracture model for boron fibers, the details of the deformation theory involved in its interpretation will be discussed here.
After slightly etching 203 Wn boron on tungsten fibers, Smith [5] [6] . The annealing treatment essentially eliminates dislocation damping within the aluminum matrix, leaving the fibers as the only source of composite damping [7] . Application of the rule-of-mixtures to axial temperaturedependent damping data for unidirectional B/A1 composites allowed accurate calculations of fiber damping as a function of temperature. As anelastic strain function for as-produced boron fibers.
As previously discussed, raising the stress level above 50 ksi (0.3 GN/m2) produced an unexpected increase in the A function. To study this effect, tensile elongation and fracture tests were conducted on single fibers. In Figure 2 the A function results from the tensile and flexural tests are plotted as a function of stress for q values of 11, 20, and 29 K. For tests of one minute duration these values roughly correspond to test temperatures of 20 °, 250 °, and 500 °C. Although the stress effect data are limited, the Figure 2 curves were drawn assuming a discontinuous behavior for the boron fiber A function. That is, as stress increases, the A function remains constant at the AL level until at some transition stress a* where it rather abruptly increases to a constant AH level as measured by the tensile fracture tests on etched fibers. The subscript H refers to the &dquo;high&dquo; stress level (>400 ksi (2.8 GN/m2)) of these measurements (1).
The q dependence of the AH function is shown in Figure 1 . The large error bars for the AH data points are due primarily to a coefficient of variability of rv5 percent in the fracture stress data.
Although it is not obvious that the Figure 2 stress effect data support the assumption of an abrupt increase in A from one level to another, there does exist some indirect evidence for such behavior. For example, in previous work it was shown that boron fiber anelasticity could be explained by grain boundary type sliding of small substructural boron units [2, 4] (6) .
Fiber fracture -Smith has observed that the two primary flaw sites responsible for crack propagation in commercially-produced boron fibers are located within the tungsten boride core and on the fiber surface [5] . By slightly etching the as-produced fibers, he was able to remove the surface flaws and thus observe only core flaw-initiated fiber fracture. should be realized that theoretically Equation (7) can be generalized through the q parameter to predict core-initiated fracture during other time-dependent tests such as impact and long-time stress rupture. At the present time, however, no data exist to confirm the validity of Equation (7) for other than the short-time tensile test.
The derivation of Equation (7) was simplified by the fact that the etched fiber could be treated as a two component composite in which the outer sheath component fractures whenever the inner core component reaches its fracture
strain. This composite model may not be valid, however, when the source of fiber fracture are flaws on the fiber surface. In most as-produced commercial boron fibers, Smith [5] has observed only surface flaw and core-initiated fractures. He found that the two flaw types can be practically distinguished by the fact that core-initiated fractures generally produce strength values greater than 600 ksi (4.1 GN/m~) whereas surface flaw-initiated fractures produce strength values less than 500 ksi (3.4 GN/m2). Since commercial boron fiber spools are generally quoted at average strengths of 500 ksi, it follows that surface flaws do exist in these fibers. Thus, the question arises whether Equation (7) can be utilized to predict fracture stress of unetched as-produced fibers.
This question was examined empirically by plotting in Figure 4 the shorttime temperature-dependent fracture stress data of Veltri and Galasso [9] for unetched as-produced boron fibers. To better compare these data with the theoretical predictions of Equation (7), the fracture stress values were normalized by dividing ou by the room temperature value, ou(qo) = 500 ksi (3.4 GN/m2). The range of the theoretical estimates based on Equation (7) and the errors in AH (cf. Figure 1) are shown by the dashed lines. Comparing these with the experimental data, one finds that although surface flaws were most probably controlling fiber fracture, it does appear that Equation (7) predicts quite well the fracture stress of both etched and unetched as-produced fibers. From this result it follows that Equation (7) [6] . The results are shown in Figure 5 as curve AL. The subscript L again refers to the fact that low fiber stresses (< ksi (7 MN/m2)) were used for these measurements. The superscript II is used to distinguish the results for fibers within B/A1 composites from the as-produced fiber results which are now labeled with the superscript I. Comparing the A f curve with the as-produced AI curve, which is also shown in Figure 5, [7] that Borsic fibers in both the as-produced and composite conditions possess low stress A functions equivalent to the AL result in Figure 5 . Thus, on the basic level, the boron fiber microstructure responsible for its bulk anelastic deformation character can be measurably affected by surface reactions either with matrices or with fiber coatings. Figure 4 , it is seen that single as-produced fibers fall off to 80 percent of 5,,(q) near 150 ° C, a much faster dropoff than the composite. Thus, from a practical point of view, it appears that the Veltri and Galasso data for as-produced fibers cannot be used to understand and predict the temperature dependence of composite strength. From an analytical point of view, one must conclude that the insertion of the AH in the fiber fracture theory of Equation (7) will not explain the Figure 6 composite data. Since the AL results of Figure 5 indicate that boron fibers will creep within B/A1 composites, the problem of predicting the effects of time and temperature on B/A1 I axial fracture thus becomes one of not only accounting for matrix plasticity but also of determining the appropriate A function for high stress creep and fracture of the fibers after composite fabrication.
To solve this problem, a theoretical analysis was made of the major factors which affect the temperature-dependent behavior of the fracture stress of metal matrix composites in general and B/6061 Al composites in particular. The axial fracture model chosen is that developed by Rosen [12] in which the fracture modes of fibers within an unidirectional composite are controlled by the fracture of fiber bundles. That is, the composite or fiber bundle completely fails when enough fiber breaks occur so that the load carried by the remaining intact fibers exceeds their strength capability. Due to a distribution of fiber strengths, the weak fibers fracture first leaving the stronger fibers to carry the load. Common practice is to describe the distribution in fiber strengths according to a Weibull distribution [13] . In this case, the average fiber strength auf and the average fiber bundle strength ab f are given by When a fiber breaks in a metal matrix composite, the matrix by virtue of its plastic character localizes the loss of load carrying ability of the broken fiber.
That is, at an axial distance d/2 on either side of the break, the stress in the broken fiber returns to the average stress of all the intact fibers. Because of the existence of this &dquo;ineffective&dquo; length d, Rosen considers the composite to be made of a series of independent fiber bundles each of length d. As such, total fracture of the composite occurs whenever any one of these short length bundles fail. If one assumes perfectly plastic behavior for the matrix (no workhardening effects), the length d of the bundles can be calculated from where o = Õ bfis the stress in the fibers at composite fracture and Tm is the shear strength of the matrix. Since Tm decreases with temperature, it follows that d will increase, giving rise by Equation (9) to a reduction in obfwith temperature. To express the total stress level at which a metal matrix composite will fracture, one can employ the above concepts to write the following rule-ofmixtures equation for the average (ultimate) tensile strength of the composite Here v f and vm are the volume fraction of the fiber and matrix, respectively, and aym is the tensile yield strength of the matrix. Equation (11) neglects stress concentration effects of broken fibers on nearby fibers. It also neglects residual stress effects on the fibers due to cooling the composite from fabrication temperature. For soft matrices such as aluminum these effects are small and also tend to oppose each other as temperature is varied. For calculating the temperature dependence of õuc it is convenient to normalize each stress term in Equation (11) by dividing by its value for a short-time tensile test at room temperature. The following R parameters are thus defined:
In anticipation of applying these equations to B/A1 composite behavior, the temperature variable T was replaced, where appropriate, by the more general q variable. Reference conditions (qo and To) are taken as a short-time (to rv 60 sec) tensile test at room temperature (To N 2930 ° K). Inserting Equations (12), (13) , and (14) into Equation (11) one obtains where the constant (3 = v,,, Gym (To)lvf õb./qo)' Thus, to predict composite fracture stress 5~~(q), one simply needs a theoretical formula for RbJ plus experimental information for 5~~(q~) and Rym(T).
To derive Rbf one can utilize Equation (9) to write
Here it is assumed that the flaw distribution as measured by cut does not change during the test. Also, to include fiber creep effects, a q dependence has been assigned to a,, since by Equation (8) Thus, under the assumptions stated above, one should now be able to employ Equations (15) and (18) to predict the time-temperature dependent fracture stress of metal matrix composites. For those composites reinforced by boron fibers, both terms on the right hand side of Equation (18) To determine the high stress A function for boron fibers in B/A1 composites, Equations (15) and (18) were applied to the experimental strength data of Figure 6 . It was assumed that the temperature dependence of Rym for the 6061 aluminum matrix followed that measured by Prewo and Kreider [14] Figure 7 . For elastic fiber behavior, curve A -1 clearly shows that composite strength should fall off simply due to matrix effects in which temperature decreases Tm and increases the ineffective length d. If w -00, which implies constant strength fibers, Equation (19) indicates that the matrix would have no effect on fiber bundle strength. For the assumption of as-produced behavior, the AH curve obviously drops off much too rapidly to explain the as-produced fiber data of Figure 4 with the composite data of Figure 6 . Finally, it appears that the AL curve gives the best fit to the fracture data. Thus it may be reasonable to assume that fiber creep within B/A1 composites is governed by only the At function from zero to at least 400 ksi (2.8 GN/m2). The shift from AL to AH observed for the as-produced fiber (cf. Figure 2) 
